EVOLUTION OF TEXTURE AND 
, MICROSTRUCTURE DURING THE INITIAL 
STAGES OF DEFORMATION IN THREE Ni-Co 

ALLOYS 


By 

PINAKi PRASAD BHATTACHARJEE 



DEPARTMENT OF MATERIALS AND METALLURGICAL ENGINEERING 

Indian Institute of Technology Kanpur 

FEBRUARY, 2002 


EVOLUTION OF TEXTURE AND 
MICROSTRUCTURE DURING THE INITIAL 
STAGES OF DEFORMATION IN THREE Ni-Co 

ALLOYS 


A Thesis Submitted 
In Partial Fulfillment of the Requirements 
For the Degree of 

MASTER OF TECHNOLOGY 


By 

PINAKI PRASAD BHATTACHARJEE 



DEPARTMENT OF MATERIALS AND METALLURGICAL ENGINEERING 

INDIAN INSTITUTE OF TECHNOLOGY KANPUR 

FEBRUARY, 2002 



4 FEB 2511 

. i4iSk;r 

^ 4 -S'** *• ^ »•*»> -j^ 


3 



Al4i'9'^‘i 




ABSTRACT 


An attempt has been made to investigate the phenomenon of texture transition in a series 
of Ni-Co alloys with widely varying stacking fault energy (SFE). For this purpose three alloys 
such as Ni-30Co, Ni-40Co and Ni-60Co were cold rolled to 50% thickness, homogenization 
annealed at 820°C for 3 hours, again cold rolled to 50% reduction and annealed at 820°C for 3 
hours to yield the starting materials. These starting materials were further cold rolled to20% and 
35% reduction in thickness. Optical and electron microscopy was carried out to investigate the 
microstructural changes during deformation. Crystallographic texture in the form of ODFs was 
measured using a fully computer controlled scanning electron microscope (SEM) in the 
orientation imaging mode. 

The deformation textures of the three alloys are totally different one from the other right 
from the ver>' beginning of deformation. The Ni-30Co alloy shows the development of a strong 
Cu component, which is characteristic of pure metal type texture, while the Ni-60Co alloy 
develops a strong Brass (Bs) component, which is characteristic of alloy type texture. The 
texture of Ni-30Co alloy appears to be of transition type lying in between the two extremes. 
Fine, close!}' spaced deformation twins appearing in ‘bundles' are observed in Ni-60Co alloy at 
20% and 35% deformation as opposed to the Ni-30Co and Ni-40Co alloy at these deformation 
levels. Flowever, the volume fraction of the twinned region has been found to be rather small 
compared to the bulk material. These observ'ations tend to negate Wassermann's twin 
hypothesis for explaining texture transition in f.c.c. metals and alloys. 
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CHAPTER - 1 
INTRODUCTION 


In f.c.c. metals and alloys usually three different types of deformation texture are 
found: (i) a-brass or alloy type texture in low stacking fault energy materials; (ii) copper 
or pure metal type in materials of medium stacking fault energy and (ii) aluminum t}pe 
texture in very high stacking fault energy materials. While m the brass type only the brass 
component {110}<112> is present as opposed to the copper type where the Cu {112} 

S {123}<634> and brass components are nearly equally strong, the S component 
predominates in the aluminum type. 

It has long been established that the stacking fault energy (SFE) plays a very 
important role in developing the deformation texture in f c.c. metals and alloys and this 
forms a classical topic m texture research. Although a number of theories exists in 
literature to explain the phenomenon of transition of texture from pure metal frpe to brass 
type in low SFE fc.c. alloys but there seem to be lack of agreement as a whole on this 
aspect 

Excepting Cu, Ag and Au extensive data on SFE is available for two other fc.c. 
metals, namely, aluminum and nickel. A reasonable value for the SFE of Ki is ~ 250 
ergs/cm^ and it is appropriate to say that the SFE of nickel is reasonably high. As far as 
Ni-Co system is concerned it is interesting to note that the SFE of the alloy can be 
controlled simply by varying the Co content in the alloy. So it is ideally suited for 
studying the development of deformation texture in fc.c. alloys with varying SFE. Work 
on this system is expected to throw much light on the whole phenomena of deformation 
texture and transition of texture from pure metal type to alloy type. 

The subject of texture transition has been studied in great detail in numerous Cu- 
base alloys. However, similar work on the Ni-Co system, which also shows texture 
transiion, is completely lacking. It was therefore decided to study the different alloys of 
Ni-Co with varying Co content, such as Ni-30Co, Ni-40Co and Ni-60Co. Previous work 
on these alloys shows that the Ni-30Co shows a pure metal type texture whereas Ni-60Co 
shows an alloy type te.xture. The te,xture ofNi-40Co is of transiion t>pr 
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In this thesis an attempt has been made to determine what kind of deformation 
texture forms in these three alloys during the very initial stages of deformation. This is 
expected to throw light on the existing theories of texture transition in f.c.c. metals and 
alloys. 



CHAPTER - 2 

LITERATURE REVIEW 


2.1 The Cold Worked State 

Generally the cold worked state may be defined as any strained or damaged 
condition of a crystalline material brought about by processes such as plastic deformation 
in metal working processes, particle bombardment, quenching fi'om a sufficiently high 
temperature or phase transformations [2]. The defects that are generally associated with a 
cold worked material may be grouped in three classes, namely, (1) point defects such as 
vacancies and interstitials, (2) linear defects mainly the dislocations (3) planar defects 
like stacking feults and (4) volume defects mainly voids. In the present work cold worked 
state brought about by plastic deformation will only be considered, with reference to f.c.c 
metals and alloys. Plastic deformation is accompanied by a change of dimension of the 
material under stress beyond its elastic limit. Any or aU of the defects may be produced in 
a plastically deformed material. If the deformation is carried out at a low temperature 
depending upon the material being considered many of these defects will be retained in 
the material. In cold worked condition the dislocation density of a material is much 
higher compared to the material in undeforraed condition. Plastic deformation produces 
an increase in the umber of dislocations, which by virtue of their interactions results in a 
higher state of internal stress 

2.1.1 Cold Worked Structure 

Considerable detailed knowledge on the cold-worked state has been obtained 
from thin-film electron microscopy. Baily and Hirsch [2,3] made electron microscopic 
observations on polycrystalline silver, copper and nickel foils deformed in tension. They 
found that the dislocations are arranged in a cellular structure. The cell boundaries appear 
to consist of complex dislocation arrangements together with a large number of small 
loops. The misorientation across cell walls were measured and found to be of the order of 
a few degrees. With increasing deformation the dislocation density and misorientation 
across cell- boundaries in heavily deformed specimens (cold-rolled to 95% reduction) 
have been found to be quite large, even upto ~10^. Due to very' high dislocation density 
(>10" ) present at this stage the individual dislocations are not easily resolved, and it is 



always very difficult to recognize the original grain boundaries. This is also confirmed by 
Bollman’s study [4] on nickel cold rolled to 80% deformation. 

Weissman et.al. [5] have reported observations on the microstructure of high 
purity aluminum which was cold rolled to different amounts. Their result indicate that for 
a weakly deformed (5% cold rolled) specimen the microstructure consists of long kinked 
dislocation lines which upon interaction form dislocation tangles. Increased cold-working 
to 1 0% reduction by rolling, gives rise to a more pronounced dislocation entanglement 
and a distinct emergence of a cell structure. At about 30% of cold-reduction, the 
formation of cell structure is well advanced, with most of the dislocation tangles arranged 
in the cell walls and relatively few dislocations within cell walls. The cell walls become 
more sharply delineated with increasing deformation. 

2. 1 .2 Deformation of FCC Crystals 

The stress strain curve of a single crystal has been shown in Figure 2.1 and three 
regions of hardening have experimentally been verified. Stage 1, the region of eas\' glide 
is a region, is a stage in which the crystal undergoes little work-hardening. In the easy 
glide region dislocations can move relatively large distance without encountering 
barriers. During easy glide slip is found to occur on a single slip system and as a result 
slip this region has often been termed as laminar flow. 

In the stage II region or linear hardening region the work-hardening increases in a 
linear fashion. In this stage slip occurs on more than one slip system and due to complex 
interaction between dislocations moving on different slip systems and this gives rise to 
increasing work-hardening. In stage II the ratio of work-hardening coefficient (dx/dy) to 
that of shear modulus is of the same order of magnitude (« 1/300) for all fee metals. 
Dislocations tangles begin to develop that finally results in dislocation cell structure 
characterized by regions almost free of dislocation surrounded by region of high 
dislocation density. 

Stage III is the region of decreasing rate of strain hardening. The processes 
occurring in this stage are often called dynamical recovery. In this part of the stress- strain 



Stress 



Figure 2. 1. Stress strain curve showing the three stage hardening behavior of f c.c. 

single crystals [Ref R.E. Smallman and RJ. Bishop, ‘Metals and Materials’, 
p. 237, ( 1 995), Butt erworth-Heinemann, UK)]. 
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curve the stress becomes high enough so that the dislocation can take part in processes 
that are suppressed at lower stresses. Cross slip is the principal mechanism by which the 
dislocation piled up at barrier can escape and thereby reduce the internal strain field. The 
initiation of stage three is temperature dependent. 

The low stacking fault energy metals exhibit all three work-hardening stage at 
room temperature, but metals with a high stacking fault energy often shows only two 
stages of hardening. It is found for example that at 78 K aluminium behaves like copper 
at room temperature and exhibits all three stages, but at room temperature and above, 
stage II is not clearly developed and stage III starts before stage II becomes at all 
predominant. This difference between aluminum and noble metals is not only due to their 
difference in their melting point but also to the difference m stacking fault energies which 
affects the width of extended dislocation. The main effect of a change of temperature of 
deformation is. however, a change in the onset of stage III; the lower the temperature of 
deformation, the higher is the stress corresponding to the onset of stage III. 

Because the flow stress of a material may be affected by a change of temperature 
or strain-rate it has been found convenient to think of the stress as made up of two 
components according to 

T = Ts+Xg (2.1.2.1) 

where ts is that part of the flow stress which is dependent upon temperature, and tg is a 
temperature-independent contribution. The relative importance of tg and ts can be studied 
conveniently b\’ measuring the dependence of flow stress on temperature or strain rate, 
i.e. the change in flow stress At on changing the temperature or strain rate, as function of 
deformation. 

The stage 1 easy glide region in cubic cry'stals, with its small linear hardening, 
corresponds closely to the hardening of eph crv'stals where only one glide plane operates. 
It occurs in crystals oriented to allow only one glide system to operate. In this case slip 
distance is large, of the order of specimen diameter, with the probability of dislocations 
slipping out of the crystal. Electron microscope observations have shown that the slip 
lines on surface are very long (»= 1 mm) and closely spaced, and that the slip steps are 
small corresponding to the passage of only a few dislocations. It is also to be expected 
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that the flow stress in easy glide will be governed by the ease with which sources begin to 
operate, since there is no slip on a secondary slip system to interfere with the movement 
of primary glide dislocations. 

As soon as another glide system becomes operative there is a strong interaction 
between dislocations on the primary and secondary slip systems, which gives rise to a 
steep increase in work-hardening, and turbulent flow begin, when the crystal reaches an 
orientation for which tw,’o or more slip systems are equally stressed. This situation leads 
to a high resolved stress on the secondary slip system, and its operation gives rise to those 
lattice irregularities which cause some dislocations to become stopped inside the ciy^stal. 
The transformation to stage II then occurs. 

The characteristic feature of deformation in stage II is that slip takes place on both 
the primary and secondary slip systems. As a result, several new lattice irregularities are 
formed which will include (1) forest dislocations (2) Lomer-Cottrell barriers, and (3) jogs 
produced either by moving dislocations cutting through the forest dislocations or by 
forest dislocations cutting through source dislocations. Consequently, the flow stress x 
may be identified, in general terms, with a stress which is sufficient to operate a source 
and then move the dislocations against (1) the internal elastic stress from the forest 
dislocations, (2) the long range stresses from groups of dislocation piled up at barriers, 
and (3) frictional resistance due to jogs. In a cold-worked metal all these factors nay exist 
to some extent, but because a linear hardening behavior can be derived by using any one 
of the various contributor}^ factors, there have been several theories of stage II hardening, 
namely (1) the pUe up theory, (2) the forest theory and (3) the jog theory. All have been 
shown to have limitations in explaining various features of the deformation process, and 
have given way to a more phenomenological theory based on direct observations of the 
dislocation distribution during straining. 

In stage II it is proposed that dislocations are proposed that dislocations are 
stopped by elastic interaction when they pass too close to an existing tangled region with 
high dislocation densit\. The long-range internal stresses due to dislocations piling up 
behind are partialh' relie\'ed by secondary slip, which transforms the discrete pile-up into 
a region of high dislocation density containing secondarj’ dislocation network and 
dipoles. These region of high dislocation density act as new obstacles to dislocation glide, 
and since every nev,’ obstacle is formed near one produced at a lower strain, two- 
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dimensional network structures are built up forming the walls of an irregular cell 
structure. With increasing strain the number of obstacles increases, the distance a 
dislocation glides decreases and therefore the slip line length decreases in stage II. The 
structure remains similar throughout stage II but is reduced in scale. The obstacles are in 
the form of ribbons of high densities of dislocations which, like pile-ups, tend to form 
sheets. The work-hardening rate depends mainly on the effective radius of the obstacles, 
and this has been considered in detail by Hirsch and co-workers [6] and shown to be a 
constant fraction k of the discrete pile-up length on the primaiy’ slip system. In general 
work-hardening rate is given by 0 u = kp/Str and for an fee crystal the small variation in k 
with orientation and alloying element is able to account for the variation of 6 n with those 
parameters. 

The dislocation arrangement in metals with other structures is somewhat similar to 
that of copper with differences arising from stacking fault energy. In Cu-Al alloys the 
dislocations tend to be confined more to the active slip planes, the confinement increasing 
with decreasing stacking fault energy. In stage I dislocation multiples are formed as a 
result of dislocations of opposite sign on parallel nearby slip planes ‘paring up’ with one 
another. Most of these dislocations are primaries. In stage II the density of secondary 
dislocation are much less (« 1/3) than that of the primary dislocations. The secondary slip 
occurs in bands. And in each band slip on one particular slip on one particular secondary 
plane predominates. In niobium, a metal with high stacking fault energy, the dislocation 
distribution is rather similar to copper. In Mg, typical of eph metals, stage I is extensi%'e 
and dislocations are mainly in the form of primar\’ edge mukipoles. but forest 
dislocations threading the primary slip plane do not appear to be generated. 

The dislocation structure developed during the deformation of fee and bcc 
polycr>'staIline metals follows the same general pattern as that in single crystals; primary 
dislocations produce dipoles and loops by interaction with secondary dislocations, which 
give rise to local dislocation tangles gradually developing into three dimensional 
networks of sub boundaries. In bcc metals, and fee metals with high stacking fault 
energ>. the tangles rearrange into sharp boundaries but in metals with low stacking fault 
energ\ the dislocations are extended, cross slip is restricted, and sharp boundaries are not 
formed even at large strains. For a given dislocation distribution the flow stress is found 
to var\ with the dislocation densit> (p) according to 
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T = To + (2.1.2.2) 

Where (o. is the shear modulus; a is a constant at a given temperature ^0.5; to for fee 
metals is zero as shown in Figure 2.2. Grain boundary also affects work-hardening by 
acting as barriers to slip from one grain to next. In addition, the continuity criterion of 
polycrystals enforces complex slip in the neighbourhood of the boundaries which spreads 
across the grains with increasing deformation. This introduces a dependence of work- 
hardening rate on grain size which extends to several percent elongations. After this stage 
the work hardening rate becomes independent of grain size and found for many fee 
polycrystals is about |a,/40. 

The dependence between grain size and the stress to initiate plastic flow, Oy, is 
found to obey the Hall-Petch relation given by 

cjy = Go + kd'^'"^ (2. 1.2.3) 

where d is the average grain size; cjo is the frictional stress which is independent of grain 
size and represents the stress needed to move unlocked dislocations in slip plane of a 
single crystal. 

2. 1 .3 Cold Working - Theoretical Treatment 

The properties of a material are altered by cold- working, i.e. deformation at a low 
temperature relative to its melting point, but not all the properties are improved, for 
although the tensile strength, yield strength and hardness are increased, the ductility and 
general ability to deform decreases as in Figure 2.3. Moreover, the physical properties 
such as electrical conductivity, density and others are lowered. Of these many changes in 
properties, perhaps the most outstanding are those that occur in mechanical properties; 
the yield stress of the mild steel for example, may be raised by cold work from 170 up to 
1050 MN/ml 
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Figure 2.2. Dependence of flow stress on (dislocation density)'^ for Cu, Ag and Cu-AJ 
[Ref: R.E. Smallman and RJ. Bishop, ‘Metals and Materials’, 
p. 236, (1995), Butterworth-Heinemann, UK)]. 



Figure 2.3. Variation of tensile properties with amount of cold work [Ref: G.E. Diete 
‘Mechanical Metallurey'. p. 232, (1988), McGrawhill Book Co., UK], 


Such changes in mechanical properties are, of course, of interest theoretically, but 
they are also of great importance in actual industrial practice. This is because the rate at 
which the material hardens during deformation influences both the power required and 
the method of working in various shaping operations, while the magnitude of the 
hardness introduced governs the frequency with which the component must be annealed 
to enable further working to take place. 

Many theories of work hardening, based upon direct electron-microscopic 
observation of dislocations, have been proposed in recent years, but none of them has 
been recognized as the generally accepted one. The reason should be sought in the fact 
that the processes associated with plastic deformation are highly complicated and diverse. 
All these theories are however important and essential, since they, can firstly provide the 
basis for more purposeful experimenting; secondly can provide basic information about 
the stress-strain curve and answer the exact mechanism of plastic deformation and fectors 
which control them. 

During plastic deformation, dislocation movement is impeded by a number of 
factors, the principal among them are as follows; 

(1) stress field produced by other dislocations; 

(2) boundaries of grains and sub-grains, solute atoms, particles of other phases, and 
surface films. 

Since plastic flow occurs by a dislocation mechanism the fact that work-hardening 
occurs means that it becomes difficult for dislocation to move as the strain increases. Ail 
theories of work-hardening depends on this assumption, and the basic idea of hardening 
put forward by Taylor in 1934, is that some dislocation become stuck inside the crystal 
and act as source of internal stress which opposes the motion of other gliding 
dislocations. Other principal assumptions in the theoiy' are that many dislocations do not 
reach the surface of a crystal, but interact elastically with other dislocation within the 
crystal and become anchored, forming a network; deformation is affected by movement 
of individual dislocations. 

A simple way in which two dislocations could become stuck is by elastic 
interaction. Thus, two parallel dislocation of opposite sign moving on parallel slip planes 
in any sub grain may become stuck as a result of elastic interaction. Taylor assumed that 
dislocation become stuck after traveling an average distance, L, while the density of 
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dislocation reaches p, i.e. work-hardening is due to the dislocations getting in each 
other's w'ay. The flow stress is then the stress necessary' to move a dislocation in the 
stress field of those dislocations surrounding it. This stress t is generaUy given by 

T = apib// .(2. 1.2. 4) 

Where p is the shear modulus, b the berger’s vector, / the mean distance between 
dislocations which is « p'”^, and a a constant; in the Taylor’s model a = l/87r(l-v). 

Figure 2.2. shows such a relationship for Cu-Al single civ'stal and polycrystalline Ag and 
Cu. 

In his theory Taylor considered only a two-dimensional model of a cold worked 
metal. However, because plastic deformation arises out from the movement of dislocation 
loops from a source, it is more appropriate to assume that when the plastic strain is y, N 
dislocation loops of side L (considering that square loops are emitted) have been given 
off per unit volume. The resultant plastic strain is then given by 

y = Ni:^b (2. 1.2.5) 

and / by 

/=[l/p‘'^] = [l/4LN]’^ (2. 1.2.6) 

Combining these equations, the stress-strain relationship 

X = const, (b/l/^y*'^ (2. 1.2.7) 

is obtained. Taylor assumed Z, to be a constant, i.e. the slip lines are of constant length, 
which result in a parabolic relationship between x and y. 

Taylor's assumption that during cold work the density of dislocations increases has 
been amply verified, and indeed the parabolic relationship between stress and strain is 
obeyed, to a first approximation, in many poly crystalline aggregates where deformation 
in all grains takes place by multiple slip. Experimental work on single crystals, shows 
however, that the work- or strain hardening behavior, and depends not only on crystal 
structure but also on other variables such as crystal orientation, purity and surface 
conditions. 

The theory of interaction of dislocation complexes (Mott's theory) was developed 
to modify' Taylor's theory for more conformity with experimental evidence. The Mott 
theoiy’ considers the interaction of dislocation groups emanating from a source, rather 
than of individual dislocations. Dislocations moving in a slip plane become piled up 
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against obstacles (sessile dislocations), resulting in an increase of the internal stress at the 
head of the pile-up. A dislocation pile-up consisting of n dislocations is considered as a 
superdislocation of Berger’s vector nb. The separation distance is 2L (each section of 
dislocation Ime moves a distance L), the distance between slip plane 6, the density of 
pile-up group is p = 1/(X5), and the average distance between them is 
/= 1/Vp = (i:6)‘^ (2.1.2.8) 

Substituting the value of 5 for a superdislocation of strength nb, we have: 

T = Gnb/27: (IS)'" (2. 1.2.9) 

The plastic strain y is found by summing up the strain from each pile-up, Le. 

y = nbZ/Z5 = nb/5 (2.1.2.10) 

substituting the value of 5 from earlier relation we get a parabolic relationship between x 
and y: 

X = (G/27r) (ynb/L)^'^. (2.1.2.11) 

As has been found later, in most crv'stals the relationship between x and y at stage I and II 
are linear, rather than parabolic. This is the principal drawback of earlier theories of cold 
working. 

The theory of hardening due to short-range stress field was put forward by J. J. 
Gilman. According to this proposition a moving dislocation leaves behind dislocation 
dipoles, each of which is essentially a pair of parallel dislocation of opposite signs. The 
existence of dislocation dipoles has been confirmed by electron-microscopic 
examination. Dislocation dipoles interact with subsequent dislocations and inhibit their 
movement. At heavier deformation, more dipoles are left and more strongly they inhibit 
dislocation movement. 

The ciystal structure is important in that single crystal of some hexagonal (cph) 
metals slip occurs on only one family of slip planes, those parallel to the basal plane, and 
these metal show a low rate of work -hardening. Cubic crystals on the other hand are 
capable of undergoing deformation on more than one slip system, and these metal show a 
strong work-hardening behavior. The influence of temperature depends on the stress level 
reached during deformation and also on other factors which must be considered in greater 
detail. However, even in cubic ciy'stals the rate of work-hardening ma)' be exlremely 
small if the cry stal is restricted to slip on a single slip system. Such behavior strongly 
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suggests that strong work-hardening is caused by the mutual interference of dislocations 
gliding on intersecting slip systems. The work-hardening behavior in metals with a cubic 
crystal structure is more complex than in most other structures because of the presence of 
a greater number of possible slip systems, and it is for that reason that much of the 
experimental evidence is related to these metals, particularly those with a fee structure, 
2.1.4 The Stored Energy Produced During Cold Working 

A small percentage (usually from 1% to 10%) of the energy expended in 
plastically deforming a metal remains ‘stored' in the metal causing an increase in internal 
energy. In particular it increases the strain resistance and electrical resistivity, accelerates 
diffusion process, etc. The stored strain energy is determined as the difference between 
the work performed in the deformation and the amount of heat evolved, or by measuring 
the heat liberated during annealing of the deformed metal. The later method makes it 
possible to determine simultaneously the distribution of crystal lattice distortions in their 
thermal stability. 

This increment in mtemal energy is associated with the defects generated during 
deformation and provides the energetic driving force for relaxation processes which 
occur when the cold-worked metal is subsequently annealed at a higher temperature. The 
magnitude of the stored energy produced by cold- working is affected by variables such as 
purity, method of deformation, temperature, grain size and material. 

Comparison of calorimetric and metallographic results have shown that the 
energy of plastic deformation can be stored by the following mechanisms: - 

(1) Elastic strain energy 

(2) Energy of dislocations 

(3) Energy of point defects 

(4) Energy associated with stacking faults and twins 

(5) Energy associated with the destruction of ordered regions. 

The elastic strain energy for filed 75%Au - 25% Ag alloy has been estimated 
about 3% of the total stored energy by Averbach [7] et.al. Michell and Haig [8,9] have 
shown that the elastic strain energy for ground nickel is about 12% of stored energy. 
These findings show very convincingly that the major portion of the stored energy of cold 
work, at least for pure metals, is due to lattice defects. 
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In order to arrive at an estimate of the fraction of the stored energy due to 
dislocations, information is needed on their density and distribution. Annealed metals 
normally have dislocation densities between 10^ to 10* lines/cm^, and severely cold- 
worked metals usually have between 10*° to 10*^ lines/cm^. The precise distribution of 
dislocations depends strongly on the metal, its purity and history of deformation. 

Both vacancies and interstitial atoms may be considered responsible for at least 
some energy storage during deformation. Although an estimate of the stored energy due 
to vacancies can be made from measured resistivity changes, it is difficult to establish in 
case of interstitial atoms. In many systems these point defects aimeal out during or 
immediately after deformation. 

Stacking fruits which are formed during plastic deformation can account for an 
appreciable portion of stored energy, y, and on temperature of the deformation. 

Deformation twins on a fine scale comparable to stacking faults may also 
contribute significantly to the stored energy. 

If originally there exists in a material, either short or long range order to some 
degrees, then, during plastic deformation, the passage of dislocations through ordered 
regions will distorb the degrees of order leading to an increase of the internal energy of 
the system. Similarly, if, during cold-working precipitates and clusters of solute atoms 
are sheared due to the passage of dislocation through them, the internal energy will again 
be increased. 

The amount of stored energy increases with deformation first quickly then slowly 
as in Figure 2.4a and the relative absorbed energy (related to the work performed) 
decreases with increasing deformation as in Figure 2.4b. which indicates that energy is 
absorbed more intensively in slight deformations (10 percent in Figure 2.4b) while heat 




Figure 2. 4. Effect of deformation in torsion on (a) stored (latent) strain energy and (b) 
the ratio of stored energy Ejt to spent energy Esp [Ref: P. Polukhin, S. Gorelik 
and V. Vrontosov, ‘Physical Principles of Plastic Deformation', p. 210, 
(1983), Mir Publishers, Moscow, USSR], 
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evolution is more substantial on heavier deformations when only 3 percent fall on the 
energy absorbed. The decrease of the relative absorbed energy with increasing 
deformation can be explained by the formation of defects in the crystal lattice at the early 
stages of deformation, which are stable at a given temperature. These defects annihilate 
partially as the deformation proceeds and liberate free energy in the form of heat. In 
further deformation, the density of defects increases, and therefore defects of opposite 
signs are more likely to meet one another and annihilate and even greater portion of the 
distortions will disappear in the course of deformation. It is expected that a state of 
saturation will be attained, i.e. the number of distortions formed will be equal to the 
number of distortions that disappear and the entire energy of deformation will be 
converted to heat. The fraction of stored energy relative to that spent is 20-25 percent in 
dynamic plastic working and only 10-15 percent in static as in Figure 2.5. This is an extra 
indication that lattice distortions appearing m the course of plastic deformation are 
partially annihilated during this process due to recover}'. The effect of elimination of 
crystal lattice distortions by recovery is substantially lower at low temperatures and slight 
deformations. Under such conditions, almost the entire energy spent in deformation is 
absorbed by the metal and spent for the formation of crystal lattice distortions as in 
Figure 2.6. 

2.2 Development of Preferred Orientation or Texture 

2.2.1 Introduction 

An anistropic arrangement of components of a solid which are orderly oriented 
relative to an external coordinate system is referred to as texture. 

In practice, metals and alloys are often found to consist of grains having a 
stretched fibrous shape. Some alloys may have a lineage arrangement of particles of one 
or more of their phases. Textures of this type are often called 'mechanicaV . The term 
implies that the shape of particles of a body and/or their arrangement is anistropic. 

Much more common and practically important are crystallographic textures. In 
such a texture, some crystallographic orientations are preferred or. in other words, crystal 
lattices of some components of a solid have a definite regular orientation in space. 
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Figure 2. 5. Effect of amount of deformation in (1) high-speed and (2) static plastic 
working on the stored energy and microhardness of Au-Ag alloy [Ref: P. 
Polukhin, S. Gorelik and V. Vrontosov, ‘Physical Principles of Plastic 
Deformation’, p. 210, (1983), Mir Publishers. Moscow. USSR]. 
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Figure 2.6. "Variation of the ratio of absorbed to spent energy in low temperature (77 K) 
plastic working of cadmium and lead [Ref: P. Polukhin. S. Gorelik 
and V. Vrontosov. ‘Physical Principles of Plastic Deformation', p. 21 1. 
(1983), Mir Publishers. Moscow, USSR]. 
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Crystallographic textures are most often found in poly crystalline solids, where 
some crystals (grains) or their micro volumes may have a preferable crystallographic 
orientation. When a polycrystalline material is plastically deformed the individual grains 
tend to rotate into a common orientatiorL This preferred orientation is developed 
gradually with increasing deformation, and although it becomes extensive above about 
90% reduction in area, it is still inferior to that of a single crystal. The nature of this 
preferred orientation or the ‘texture’, which the material acquires, is characteristic of the 
material itself and also depends on the variable connected with the deformation process. 
When the material is recrystaliized from its cold-worked state the grain rotation again 
takes place giving rise to a new preferred orientation, 

2.2.2 Description of Texture 

The most complete description of textures in a polycrystalline material can be 
given by stating the crystallographic orientation of each and every crystallite belonging to 
it. But this becomes enormously difficult for a fine-grained polycrystalline metals and 
alloys where the number of crystallites is very high and therefore, it is customary to use a 
statistical description instead. X-ray diffraction methods are now widely used to yield a 
collective determination of orientation over a large number of crystals through scanning 
and integrating mechanisms. The material is first subjected to X-ray diffraction, and the 
intensity vs. angle data is recorded. The diffracted intensity data obtained from X-ray 
techniques are corrected for background intensity and adsorption and then normalized 
relative to intensity level of a random specimen. Then these dataset are transformed from 
a linear scale to a polar plot, which is nothing but the pole figure. The daiaset may then 
be represented by the use of either conventional or inverse pole figure or by means of 
mathematical functions. 

Pole figures are simple stereographic projections which show the distribution of 
particular crystallographic directions in the assembly of grains that constitute the metal. 
The pole figures must also contain some reference directions and these are usually chosen 
so that they correspond to easily defined directions in the spjecimen. In rolled sheet, for 
example, it is natural to think in terms of the rolling direction (TD) and the sheet plane 
normal (ND). Figure 2.7(a) shows how the sheet is considered to be situated at the center 
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Figure 2.7 (a) Position of the sheet at the center of the stereographic sphere, (b) (100) 
Pole figure, (c) clustering of pole figure in certain areas revealing 
presence of preferred orientation or texture, (d) and (e) pole density as 
contour lines on the stereographic projection [Ref: M. Hatherl}’ and 
W.B. Hutchinson, ‘.^n Introduction to Textures in Metals, p. 6, (1973). 
University of Birmingham, UK]. 
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of a stereographic sphere with the orthogonal reference direction as x, y and z-axes. The 
orientation of a single grain in the sample can represented by plotting its three {100} 
poles at the appropriate angular positions relative to the reference directions. In reality all 
the poles concerned are projected on to the equatorial plane to produce a stereographic 
projection as shown in Figure 2.7(b). The result is a pole figure and in this specific case it 
is referred to as a (100) pole figure, showing the positions ofthe {100} poles for the grain 
and. therefore, the orientation of grain in the sheet. For a polycrystalline sample all the 
grains must be considered and three {100} poles must be plotted for each to give the pole 
figure. If the resulting poles are distributed uniformly over the area of the projection there 
is no preferred orientation and the specimen is said to have a random texture. In real 
metals this condition is most unlikely to occur and the poles tend to cluster together in 
certain areas of pole figure to produce texture as shown in Figure 2.7(c). The number of 
grains is such that the determination of individual orientations is impractical and the 
plotting of individual grains impossible as has been stated earher. 

To overcome these difficulties it is usual to collect data from many grains 
simultaneously and to present this m the form of density distribution contours on the pole 
figure. Figure 2.7(d) and (e) shows how the pole density data may be visualized and 
presented as contour lines on the stereographic projection. The density values are 
expressed relative to that which could be expected for a specimen having a random 
orientation. Contour levels greater than I x random imply a concentration of poles and 
those with less than 1 x depletion in the direction concerned. If a correct average is taken 
over the whole pole figure the mean density of poles must be 1 since the total number of 
poles is an aggregate unchanged by the existence of the degree of texture. 

The stereographic projection in Figure 2.8(a) shows the three poles of a single 
grain in a steel sheet. One of the poles is parallel to RD (Rolling Direction) and each of 
the others lies in the plane perpendicular to RD and at 45 to both ND (Normal Direction) 
and TD In this single grain a <11 0> direction is parallel to ND and another <11 0> 
direction parallel to TD The orientation of the grain is defined by the pole figure but it 
can also be described if the cry'stallographic directions parallel to any two of the three 
reference directions are specified. By convention the direction chosen are ND and RD 






Figure 2.8 (a) <100> poles for the orientation {1 10} <00 1> (b) (100) pole figure for 

Goss oriented silicon-iron, (c) ( 1 1 1) pole figure for same material as (b), (d) 
(110) pole figure for same material as (b) [Ref: M. Hatherly and W.B. 
Hutchinson, ‘An Introduction to Textures in Metals, p. 6, (1973), University 
Of Birmingham. UK]. 





and the description are made in the form {hkl}<uvw>. This states that a plane of the form 
{hkl} is parallel to the rolling plane (i.e. it’s pole is parallel to ND) and that a direction of 
the form <uw.> is parallel to RD. The orientation of the grain shown in the pole Figure 
of 9(a) is of the form {110}<001>. It will be apparent that the direction <uvw> must 
always lie in the plane {hkl}. Real textures are never perfect and Figure 2.8(b) shows the 
distribution of {100} poles in a grain oriented silicon sheet of the type used in electrical 
work. The poles are obviously clustered together in positions near the orientation 
{110}<001> and in this case the notation provides an adequate alternative to the pole 
figure as a description of the texture present in the steel 

The pole figures given in foregoing figures have aU shown the distribution of 
{100} poles but there is no need for restriction of this type. The {1 10}<001> orientation 
of the single grain shown in Figure 2.8(a) can be described just as well by defining the 
positions of the {110} plane normals or the {111} normals or indeed the normals of any 
crystallographic plane. Figure 2.8(c) and 9(d) show the corresponding (111) and (110) 
pole figures for the steel sheet used to obtain Figure 2.8(b). The pole figures are markedly 
different but each describes the texture of the same steel sheet. But the simplest pole 
figures wUl be those depicting the distribution of poles of planes with the lowest 
multiplicity and the usual pole figures refer to {100}, {110}, {111} and sometimes 
{2111} planes. Reflections are not obtained from (100) planes for either bcc or fee cubic 
metals and so the second order (200) reflections must be measured. Since it is usual to 
refer to the pole figure in terms of the measured reflection, bcc textures are described by 
(110), (200), (112), (222), etc., pole figures while fee textures are interpreted on the basis 
of (111), (200) and (220) pole figures. Obviously there is no difference between pole 
figures from first and second order reflections as the poles are identical for the two cases. 

While the pole figures provides a description of texture it must be interpreted. 
Even in the simple case of Figure 2.8 the description of the texture by the indices 
{110}<001> is incomplete and over simplified. It is possible to exhibit all the texture 
component of a material by pole figure but the main limitation is that it is scattered 
through out a zone, and quite naturally different texture components overlap, and it 
becomes difficult to distinguish them effectively. Also the resolution of the pole figure is 
somewhat poor and gives a qualitative idea about the strength of a particular texture 
component. 
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A complete description of texture of the texture would be provided by a function 
that described the orientation of all the crystallite in the metal. Such orientation 
distribution functions (ODFs) can now be determined and are extremely valuable for 
piarposes of quantative analysis. ODFs describe the frequency of occurrence of particular 
orientations in a three-dimensional (Euler) orientation space. This space is defined by 
three Euler angles, which constitute a set of three consecutive rotations that bring the 
cr>'stallographic <100> axes of each crystallite into coincidence with the specimen axes. 
If one denotes by dV the total volume of all the elements which possess the orientation g 
within the infinitesimal orientation range dg, and by V the whole sample volume, then the 
ODF. f(g), is defined by dVA^ = f(g)dg, where dg = (l/Sn^) Sincp dcpi d<p d(p2- Here, 91, cp 
and 92 are three Euler angles. Mathematical methods have been developed that allow an 
ODF to be calculated from the numerical data obtained from several pole figures. 

The most widely adopted notations employed for the description of ODFs are 
those proposed independently by Bunge and Roe [ 10 ]. They used generalized spherical 
harmonic functions to represent crystallite distributions while Williams [ 11 ] uses an 
iterative least square solution. The former methods have most widely been adopted. 
Unfortunately, all the methods employ different definitions and different symbols for the 
three angles which are used to describe the orientation of a given crystallite. While the 
Euler angle proposed by Bunge to describe the crystal rotations are. 91, 9, 92 and the set 
of angles employed by Roe is referred to as 9, 0 and 9 respectively and those proposed 
by Williams are given by a. p and p. The relationship between three sets of angles is 
given in Table 2 . 1 . 

9i, 9 and 92. these three angles in Bunge notation have special significance. It is 
easily understood that a frame of three mutually perpendicular axes can be superimposed 
on another frame of three mutually perpendicular axes. The same principal is followed 
here. The specimen frame as shown in Figure 2 . 9 (a) is superimposed on the 
crystallographic frames by means of three successive rotations (Figure 2 . 9 (b)). The 
procedure is as follows; 
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Table 2.1 Relationship Between Roe, Williams and Bunge Notation [Ref: M. Hatherly 
and W.B. Hutchinson, ‘An Introduction to Textures in Metals, p. 6, (1973), 
University of Birmingham, UK]. 
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Figure 2.9 (a) Specimen frame and Crystallite frame (b) The th^ rotamns for 

superimposing cry stallite frame on reference frame (c) Orientation 
Space [Ref; M. Hatherly and W.B. Hutchinson, ‘An 
Introduction to Textures in Metals, p. 6, (1973), University of 


Birmingham, UK]. 
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(1) A first rotation cpi around ND transforms TD and RD into the new direction TD] 
and RDi respectively, cpi has to have such a value that RD] will be perpendicular 
to the plane formed by ND and [001]. 

(2) A second rotation cp around the new direction RDi with cp having such a value that 
ND is transformed into [001] and TDi into TDj. 

(3) The third rotation (p 2 with 92 having such a value that RD] is transformed into 
[ 100 ] and TD 2 into [ 010 ]. 

So cpi.cp, (p 2 ; the set of these three angles completely represent the orientation of a 
particular texture. Immediately for every set of {hkl}<uvw> value there is exactly one set 
of (pi. cp, (p 2 values. Now depending on this concept, a three-dimensional view of Euler 
space in the Bunge notation is presented in Figure 2.9(c) where three mutually 
perpendicular axes represent the values of (j)], (j>, <}) 2 ; from 0° to 90°. A three dimensional 
view of Euler space in the Bunge notation is presented in Figure 2.10. In this diagram, a 
few ideal orientations are Ulustrated, together with the locations of the technologically 
important RD, TD and ND fibers. The orientations lying along the RD fibers are related 
rotations around the RD || <1 10> axis, and the fiber lies along 92 = 45 in the 91 = 0 
section. The TD fiber contains orientations that have a common < 1 10> || TD and this lies 
along (t )2 = 45° in the 9 i = 0° section. Orientations on the ND fiber have a common < 1 1 1 > 
II ND and this fiber extends parallel to 4)] axis at (j) = 55 and 92 = 45 . The RD and NT) 
fibers have often been called the a and y respectively. 

Two-dimensional views of (j) = 45 and 92 = 45 sections in the Roe and Bunge 
notations, respectively, are illustrated in Figure 2.11(a) and (b), in which several ideal 
orientations are again identified. The quantitative evaluation of texture has been made 
much easier by the common availability of microcomputers, which had led, in turn, to the 
rapid and straightforward calculations of ODFs. The much higher resolving power 
associated with this form of texture representation has enabled researchers to recognize 
more clearly many details of individual textures, w'hich may appear ambiguous or 
difficult to identify in a pole figure. 
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Figure 2.10. A three-dimensional view ofEder sp ^ g 
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2.2.3 Experimental Determination of Texture 

The vast majority of texture determinations are done using the well-established 
principle of X-ray diffraction from poly crystals although some alternative techniques are 
occasionally used. Neutron diffraction offers distinct advantages in certain cases. 
Methods based on determination of an orientation sensitive physical property such as 
magnetic torque or elastic modulus may also give some information concerning the 
texture of a metal. However, such methods are limited scope and better suited for semi- 
quantitative comparisons of similar materials than to an understanding of the fundamental 
texture. 

2.2.3. 1 X-ray Diffraction Method 

All the variants of diffraction method use a monochromatic beam of radiation 
with the Bragg condition fixed for a single set of reflecting planes and maintained 
throughout the determination of pole figure. Under these condition the normal ( ^ ) to the 
diffi'acting planes {hkl} remains fixed in space and the specimen is rotated through a 
wide range of angles so that many different directions in the sample are brought into 
coincidence with the diffracting normal. Whenever a crystal becomes so oriented to any 
one set of the prescribed {hkl} planes coincides with the fixed normal, k, a diffracted 
intensity will be measured from that grain. The total diffracted intensity is then 
proportional to the volume of the specimen in which the {hkl} planes are so oriented. In 
other words, the measured intensity at a given time, corrected for background and 
geometrical factor, is directly prop)ortional to the pole density on the p>ole figure at the 
position under investigation. The proportionality between diffracted intensity and pole 
density is usually quantified in ‘terms' of the ‘random intensity, or the intensity which is 
observed when a textureless sample is examined under precisely the same conditions. 
The pole figure is then plotted out with contour levels which correspond to 'A, 1, 2, 

3 X random intensity. This provides a sensible basis on which the sharpness of the 

texture may be assessed and allows a comparison to be made between results obtained in 
different laboratories and using different experimental methods. 
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2.23.2 The Schulz Reflection Method 

In the method devised by Schulz [12] the specimen used is typically a piece of 
sheet about 25 mm square with a flat surface that has been prepared by chemical 
polishing or etching. The X-ray beam must not be transmitted through the specimen and 
so the thickness should normally be greater than ■~0.2 mm. When moimted on the 
Goniometer the specimen is subjected to three type of movement. These are 

(i) simple to and fro translation and helps in improving the measurement by 
increasing the number of grains that are sampled. 

(ii) Rotation about an axis perpendicular to the sheet surface (angle \};), and 

(iii) Rotation about an orthogonal axis through an angle cp. 

Figure 2.12(a) shows a schematic diagram explaining the geometrical arrangement and 
the corresponding stereographic projection has been given in Figure 2.12(b). 

The main problem associated with this method is that the diffracted intensity is 
affected by the geometrical setting of the goniometer as well as by the variation in texture 
that is measured. Also the defocusing effect causes a reduction in intensity which is 
associated with a higher value of the angle (p. 

When determining a pole figure from a unknown textured material, it is usual to 
carry out a run on a ‘random' specimen. Since this specimen is essentially textureless any 
variation in the measured diffraction intensity may be attributed solely due to the 
defocusing effect and it acts as a corrective measure. More importantly, it provides a 
logical reference intensity level with which to compare the textured material. Region in 
the specimen which shows less than the random specimen intensity (< 1 x random) may 
be considered depleted in poles. The augmented intensity regions are readily quantified 
by contours of 2 x random. 3 x random.. .etc. Figure 2.13(a) shows a chart recording of a 
(111) pole figure from a 95%cold rolled aluminum and demonstrates hoe the random 
sample is used in plotting procedure. Superimposed on the texture plot is the intensity 
which was measured from the random sample (labeled 1 x random) which shows the loss 
of intensity due to defocusing at the higher (p values. .A series of reference lines are then 
drawn which represents multiples and sub multiples of the diffracted intensity from the 
random sample. To detemiine these values the diffracted intensity (i.e. total measured 
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intensity minus the background values) is multiplied by n for the n x random level and 
then background level is added oa When plotting a contour on the pole figure; Figure 
2.13(b), marks are made on the spiral path at each point corresponding to the values of cp 
and v where the measured intensity trace cuts the particular reference line concerned. 
These marks are then joined to give a contour line which separates the areas of the pole 
figure which are above that reference level fi-om those which are below it. The small 
letters on the 3 x random level in Figures 2.13(a) and (b) indicate how this information is 
transferred from the chart to pole figures to produce the 3 x random contour. The 
complete pole figure is produced in Figure 2.13(c). 

Apart from the above two methods some other methods are also available in the 
literature such as the Transmission method due to Decker et al. [13], Offset quadrant 
method [14], spherical specimen method due to Jetter and Borie [15] and inverse pole 
figure method by Harris [16]. 

2.2.4 Rolling Textures of f.c.c. Metals and Alloys 
2.2.4. 1 General Observations 

A random polycrystalline metal will develop a preferred orientation or texture 
upon sufficient plastic deformation. The nature of the deformation texture depends 
essentially on the crystal structure of metal and its flow characteristics. The resulting 
texture may be affected to some extent by many other factors such as initial texture, the 
chemical composition, the previous chemical or thermal treatments, the temperature, rate 
or physical constraints during deformation, etc. Many theories have been put forward to 
date to explain the formation of texture in polyciy'stalline aggregates. However, the 
complexity of the deformation process of the individual grains in a polycr\'stal, 
particularly at large strains, and the usual complexity of the polycrystalline texture itself 
impose great difficulty in the derivation of a theoiy^ on rigorous grounds. .As a first step 
towards the understanding of texture formation in polycrystals, much effort has been 
made in the study of texture developments in single crystals. 

Pure f.c.c metals and alloys are known to exhibit three different t>pe of rolling 
textures; namely (i) a - brass or alloy type texture in materials of low stacking fault 
energy; and (ii) copper or pure metal type texture in materials of medium stacking fault 



energy; (iii) aiuminum type texture in very high stacking fault energy materials [1]. A 
large number of investigations have been made to characterize the rolling texture of pure 
Cu and A1 and a number of their alloys. On the basis of these results it is now known that 
while in a - brass or alloy type texture one has particularly only the brass (Bs) component 
(110} <11 2>. and in copper or pure metal-type the Cu {112} <1 1 1>, S { 123 } <634> and 
brass components are nearly equal strong, it is the S component which predominates in 
aluminum-type. 

For higher Stacking Fault Energy (SFE) materials, the stacking fault width is ver>' 
low, and the stacking faults are easily constricted. In that situation, the cross slip 
becomes easier and the material undergoes slip deformation rather than twinning. When 
the deformation is governed mainly by slip mode, the deformation texture is generally 
copper t\pe [112} <1 1 1>. Examples, pure copper, pure nickel or nickel with low amount 
of cobalt. Ni-Fe alloy etc. The (111) pole figure for 95% cold rolled pure copper is shown 
in Figure 2.14. 

.Along with the copper components of texture other components like Bs 
component {110} <112>, S component {123} <634>. Goss component {110} <001> etc. 
are present in very small percentage. The materials with lower SFE predominantly 
exhibit Bgtype of texture. 

For lower SFE, the stacking fault width is much greater, which makes it difficult 
to create an>' constriction within the stacking fault region and the cross shp becomes 
difficult. As. a result of it. the critical resolved shear stress (CRSS) for twin becomes less 
than that of slip and the plastic deformation is essentially governed by the twinning 
process. Figure 2.15 exhibits the typical Bs t)pe texture of a Ni-Co alloy with a lower 
SFE. 

In Ni-Fe system if Fe content is increased, even up to 40% no significant change 
in SFE is observed as in Figure 2.16 and accordmgl> the texture is predominantly Cu 
type shown in Figure 2.17. But in Ni-Co system, the SFE significantly decreases on 
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Figure 2.16. The effect of composition on slacking fault energy 

(SFE) [Ref; B. Bhattacharya. M. Tech Thesis, (1992). 
Indian Institute of Technology. Kanpur, India], 
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increasing the Co percentage. Accordingly it is observed that the Cu component of rolling 
texture gradually decreases from pure Ni to Ni-30% Co, presented in Figure 2.18. Ni- 
40% Co alloy shows a transition from Cu type to Bs type rolling texture, and Ni-60% Co 
alloy predominantly exhibits Bs type texture. 

This is also obser\'ed that Cu type texture decreases with increasing amount of 
deformation. In case of Ni-40% Co alloy the intensity of Cu type texture remarkably 
decreased from 40% cold rolling to 95% cold rolling. 

So it is apparent from the above discussion that there is a gradual transition of 
texture from pure Cu type to a - brass type depending upon the concentration of Co 
present which in turn regulates its stacking fault energy and this phenomenon has been 
described as texture transition. 

1.2 A. 2 Phenomenon of Texture Transition in Some F.C.C. Metals and alloys 

The effect of solute additions on the deformation textures of a number of fc.c 
metals has been investigated by Smallman [17], Liu and Richman [18] and others. 
Smallman showed that the texture transition from Cu to a - brass type was caused by the 
addition of elements like aluminum, zinc and germanium. Liu and Richman confirmed 
the transition for the elements phosphorous, arsenic, germanium and tin in copper. 
Hatherly [19] reported a similar addition to copper. Clark et al. [20] have shown that pure 
nickel has a texture similar to that of copper. However, a gradual transition has been 
found to an a - brass type texture when cobalt is added to solid solution [21]. 

Smallman, Liu and Richman showed that for a given solute, a minimum amount 
is needed to initiate texiure transition and the degree of transition increases with 
increasing solute concentration. For complete transformation to occur a characteristic 
amount of solute is needed, which varies from solute to solute. Further addition of solute 
doesn’t change the texture. Smallman [17] tried to correlate the amount of the solute 
required for complete transition with the atomic misfit between the solute and the solvent 
elements. He suggested that that for a given solvent metal, the greater the misfit of solute 
atoms in the solvent lattice, the lower is the concentration required to complete the 
texture transition. Thus, according to Smallman, elastic interaction between the solvent 
and solute atoms is the most important factor in determining the mode of deformation and 
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hence texture. Liu and Richman [18], on the other hand, suggested that the combination 
of electronic and ion-core interactions might be more important than elastic interaction in 
initiating a texture transition. A typical example of texture transition from Cu to a - brass 
type, on the addition of increasing amounts of zinc to copper, is shown in Figure 2.19. 

In an attempt to characterize f c.c. preferred orientation over the range from the 
‘pure-metaF or Cu type to the alloy or a - brass type texture, a number of attempts have 
been made. The parameter suggested by SmaUman [17] was based on a ratio of 
intensities near the center of the (111) pole figure. A second parameter proposed by Liu 
and Richman [22] was based on the ratio of intensities on the periphery of the ( 1 1 1 ) pole 
figure at the transverse direction (Itd) to that -20° from the rolling direction (Lo). This 
parameter was supposed to be more sensitive than that of Smallman and was used by 
Dillamore et al. [23]. The texture of various fc.c. pure metal rolled 95% at room 
temperature are listed in Table 2.2 with a qualitative as well as a quantitative description 
in terms of the parameter Itd/’ ho- The amounts of various solute elements to bring about 
the complete change in texture have been cited for each element. 

Hu and his co-workers [24-27] suggested a general correlation between the 
temperature dependence of rolling texture transition and of stacking fault frequency or 
probability, a, as obtained from X-ray peak shift measurements and found that the 
occurrence of a - brass type texture is associated with high stacking fault frequencies as 
opposed to Cu type which is associated with relatively low stacking fault frequencies. 
Smallman and Green [28] followed the transition from Cu type to the brass type texture 
that occurs on alloying and related this to a decrease in stacking fault energy, using 
copper-aluminum and copper-germanium alloys. Haessner [21,29] employed a similar 
correlation for the texture transition that takes place when cobalt is added to nickel. 

Changing the deformation temperature can also bring about transition of rolling 
texture from pure-metal to alloy t\pe [30]. Electrolytic copper when deformed at -183 C, 
resembles a - brass type texture. The texture of electrolytic copper rolled to -80. -140 
and -196°C are shown in Figure 2.20. A comparison between Figure 2.19 and 21 clearly 
indicates the striking resemblance between the texture produced by increasing the alloy 
content and by lowering the rolling temperature. 
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Table 2.2. Effect of alloying on texture [35] 


Metal 



At-% solute to 

Texture 

Itd/120 

transform to 




alloy texture for 

-Aluminum 

Copper 

“Pure-metal" 

0.42 

95% deformation 

“Pure-metal” 

0.72 

20% Zn, 8% AL 
4% Ge, 3.5% Sn, ' 
2% P, 3% As, 



Gold 

I-ead-2% Calcium 
Nickel 
Palladium 
Platinum 
Imodium 

Silver 

Thorium 

Ytterbium 

“Pure-metal” 

“Pure-metal” 

“Pure-metal” 

“Pure-metal” 

Intermediate 

“Pure-metal” 

“Alloy” 

“Pure-metal” 

"Alloy” 

0.75 

0.49 

0.55 

0.94 

0.67 

1.31 

-0.7 ' ' 

1.30 : 

1.5% Sb. 

8% Zn 

50% Co, 10%Mo 

1 

1 

90% Ce 

1 

! 
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Figure 2.19. Texture transition in brass as a function of zinc content, (a) 3%, (b) 6° o, (c) 
10% Zn. Rolling reduction 96“/o [36], 
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(c) -(96C 


Figure 2.20. Texture transition in copper as a function of deformation temperature, 
(a) -80°C, (b) -140°C, and (c) -196“C. Rolling reduction 96.6% [36], 
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The temperature dependence of texture transition was found to be very sensitive 
to impurity contents. As for example, no essential change in texture was observed in 
high-purity copper (99.99% pure) by rolling at -196°C [31]. The change in texture in 
99.99% pure copper rolled at -196°C was found to be somewhat less pronounced than 
that found in electrol>tic copper [32]. 

There is evidence to show that raising the temperature of deformation above 
room temperature can also affect texture transition. One such example is the pure metal 
silver. Pure silver has been found to develop a texture similar to that of a - brass when 
rolled at room temperature, whereas when rolled at elevated at temperature it assumes a 
texture similar to that of pure copper [24.25]. Smallman [17] reported that for brass 

containing 5% Zru rolling at -183°C produced the usual (1 10)[11 2] texture, whereas 
rolling at 200°C produced a mainly copper t>pe texture. 

2.2.5 Theories of Rollins Texture Development in F.C.C. Metals and .Alloys 

Barrett and Underwood [33,34] have adequately reviewed the earlier theories of 
deformation textures due to Wever and Schmid. Boas and Schmid. Pickus and 
Mathewson, Taylor, and Hibbard and Yen. The later theories have been reviewed in 
detail by Dillamore and Roberts [35], Hu, Cline and Goodman [36]. and Haessner [37]. 

Of the later theories the ones by Calnan [38] and Bishop [39] were based on the 
idea that overshooting due to unequal hardening of primary' and latent slip planes may 
influence the texture formation. This idea enjoyed some support, notably from Smallman 
[18]. A difficulty here was that silver, a pure metal not known to ‘overshoot', was found 
to have the alloy type texture. Both Calnan [40] and Smallman [28] later rejected the 
theory of overshoot. 

The four most recent theories of texture formation in fc.c. metals and alloys 
have, in one way or the other, inherited some of the basic principles or method of analysis 
used in the earlier theories of deformation textures. In all four theories more or less 
obvious use was made of the concept of stacking fault energy in the development of 
textures. 

Haessner [41] proposed that texture transition in fc.c. metals and alloys is 
caused by non octahedral slip. According to him normal octahedral slip will lead to the 
(1 10}[il2] brass type texture. Copper type te.xture will be developed if slip can also occur 
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on the {100} planes in the <11 0> direction as an additional deformation mode to the 
{111} slip. Haessner's proposition is in line with that of Pugh [42] to explain the ideal 

orientation (]12)[111]. They assumed that a second shear in the {110}<110> system 
follow'ing normal octahedral slip would change the (1 10)[11 2] orientation into(l 12)[1 11]. 
It was further proposed by Haessner that for metals with low stacking fault energy, cubic 
slip would become more difficult as the separation of partials in the {111} plane becomes 
wider. 

A theorv' based on dislocation interaction has been proposed by Liu [43] to 
explain the formation of rolling texture in fc.c. metals and alloys. He considered that 
during deformation the slip systems which operate are determined by the ability of 
dislocations on these slip systems to interact producing a net reduction in energy. Having 
determined w'hich sets of four slip systems give the greatest reduction in energy, the end 
texture is the orientation at which the slip rotations on the operating systems cancel out. 
On this basis Liu predicted that for metals of low stacking fault energy the ideal 

orientations were (1 10)[112] plus an orientation spread with (110) rolling plane. The ideal 
end orientation for metals of relatively high stacking fault energy was shown to be close 
with (358)[523]. 

Hu et al. [36] pointed out that although these results were in essential agreement 
with the two types of rolling texture observed in fc.c. metals and alloys, the 

(1 12)[I II] orientation of the copper type texture was not predicted from Liu’s analysis. 
This theory has also been argued on the basis that there would, in reality, be not reduction 
in internal energy due to the interaction of dislocations on the operating systems. The 
main drawback with Liu's theory is that it is highly h>T 50 thetical in nature and little 
experimental \ erification has been made possible. 

Dillamore and Roberts [44] proposed their ‘cross slip' hypothesis in order to 
explain the deformation texture in fc.c. metals and alloys. They suggested that all fc.c. 
metals and alloys first develop (1 10)[112] or the brass t\pe texture by normal slip. The 
copper-type pure metal texture is developed if, in addition to {111} slip on the primary 
and secondary slip systems, larger amounts cross slip also takes palce on the other planes. 
Dillamore and Roberts determined the end point of rotation for all possible initial grain 
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orientations and found that, while most orientations rotate to {] 10}<112>, some move 
initially to {110}<001>. Following the principles of stability proposed by Tucker [45]. 
these two workers considered the stability of the various multiple slip orientations and 
concluded that (110}<112> is the only true stable orientation under “normal” slip 
processes. For metals of low stacking fault energy, cross slip is difficult and plastic 
deformation occurs largely by normal slip. Hence the final texture remains as 

(110)[n2]or the brass type. For metals with high stacking fault energy, cross slip is 

easier and the normal (110)[112]slip texture will undergo further reorientation by cross 
slip to assume the copper-type pure metal texture. Since the stacking fault energy of a 
metal decreases with increasing alloy addition, and since cross slip can be activated by 
thermal fluctuations, the 'cross slip’ hypothesis, therefore, appears to be consistent with 
both the composition and temperature dependence of texture transition in f.c.c. metals 
and alloys. It is also interesting to note that on the basis of their hypothesis, these two 
workers were able to predict a pole figure which fits the difference between copper and 
aluminum type texture. 

A strong objection to the cross slip hypothesis was put forward by Haessner [37]. 
He pointed out that the internal stress attained in rolling is largely independent of the 
stacking fault energy of the material and is much higher than the stress at which cross slip 
starts to occur in single crystals at 0°K. Haessner [37] concluded that cross slip should 
always be possible during the rolling of polycrystalline metals and so this phenomenon 
could not be the fundamental reason for the existence of the two types of rolling texture 
in f c.c. metals and alloys. There is experimental evidence of cross slip in a - brass at 
room temperature, and also in copper at very low temperatures. Although these 
observ'ations appear to rule over the cross slip hypothesis. Dillamore and Roberts [35] 
have suggested that very large amounts of cross slip necessary to modify' the rolling 
texture may only occur when the stacking fault energy is high. 

Geometrically, equal proportions of slip on two {111} planes, namely, the 
primary and the cross slip plane is equivalent to cubic slip. Thus the theories of Haessner 
and Dillamore and Roberts lead to the same model that is capable of e.xplaining the 
textures in f c.c. metals and alloys. 
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The ‘twin hypothesis' put forward by Wassermann [46] is quite different from 
the three slip theories already discussed. According to him mechanical twinning is 
supposed to be responsible for the observed texture transition in f c.c. metals and alloys. 
He assumed that, during deformation, all metals tend to develop the copper-type pure- 
metal texture by means of slip on {111} planes. For the development of the a - brass type 
texture, mechanical twinning, as an additional deformation mode, is essential. He 
proposed that the rolling texture of f.c.c. metals and alloys can be considered as being 
composed of two limited fiber texture centered on the orientations {110]<112> and 
[112}<111>. If mechanical twinning in the systems {111}<211> is considered as a 
possible deformation mode in addition to normal slip, then the material in the {112} 
<1 1 1> orientation may be transformed by twinning to the {552]<115> orientation as in 
Figure 2.21, which rotates into the {110}<001> orientation by subsequent slip. 
Wasserman argued that the { 1 10}<1 12> orientation does not change during deformation, 
because twinning of the orientation would lead to shape change that do not meet the 
strain requirements of the rolling process. The proposed mechanism is m agreement with 
the observation that metals of low stacking fault energy may deform by mechanical 
twinning [47] and it is in that metals which exhibit the alloy texture. The theory is also 
consistent with the observations on the temperature dependence of twinning in fc.c. 
single crystals. 

Kaliend and Da%ies [48] performed a computer simulation of the development of 
rolling texture in fc.c. metals and alloys assuming that the deformation mode is multiple 
{ 1 1 1 }<1 10> slip. The predicted crystallite orientation distribution function for 40% and 
80% reduction was found in good agreement with the experimentally determined texture 
of cold rolled copper. They also noticed that if deformation twinning is included as an 
additional deformation mode, following a simple strain accommodation criterion for 
twinning, a satisfactory’ agreement with the e.xperimentally determined te.xture of cold- 
rolled copper -1 0% Zn (which shows the alloy texture) is obtained. 
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Figure 2.21 Diagram illustrating the relationship between [112] and <1 1 1> orientation 
matrix and its twin orientation formed under the stress s>’stem operative 
during rolling, showing that the direction of maximum exiension is close to 
the rolling direction (R.D.) and that of minimum extension is close to the 
sheet normal (N.D.). Suffixes m and t denotes matrix and twin directions, 
respectiveh [46], 
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2.3 Objective of the Present Work 

It apf>ears from the foregoing discussion that Ni-Co system in particular constitute 
a very important alloy system, from the point of view that the stacking fault energy varies 
with increased cobalt addition. Stacking fault energy is found to have a great bearing in 
the deformation texture of fc.c. metals and alloys, particularly the transition of texture 
from copper-type to a-brass type. There is considerable dispute among previous workers 
regarding the actual process that causes the deformation texture of low stacking fault 
energy fc.c. alloys to transform from pure metal type to alloy type. So a detailed study of 
the deformation texture in Ni-Co system will give a deep insight into the actual 
mechanism of texture transition in fc.c. metals and alloys. This work was undertaken to 
throw some Light on this aspect. 
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CHAPTER 3 

EXPERIMENTAL PROCEDURE 


3.1 Material and Initial Treatment 

The chemical compositions of the alloys used in the present study are given in 
Table 3.1. Both nominal and detailed compositions of each alloy are shown in the table. 
All the alloys were induction melted. Segregation was avoided by magnetic stirring 
during melting. Subsequently they were cast under an protective argon atmosphere The 
ingots were cold-rolled 50% to a thickness of 6 mm and then homogenization annealed in 
vacuum at 820'’C for 3 h. These were then again cold-rolled 50% and annealed at 820°C 
for a period of 3 h to yield the starting material of almost random texture. 

The starting materials were cold rolled to 20% and 35% reductions, using a 
laboratory rolling mill having 250 mm diameter rolls. 

3.2 Optical Microscopy 

After cold rolling, the small pieces of all the materials were mounted within cold 
setting resin, for optical microscopy purpose. After mounting, these samples were 
subjected to conventional metallographic polishing and then etching. The etching reagent 
was prepared by mixing 50% (by volume) cone. MNO 3 with 50% (by volume) glacial 
acetic acid. Sometimes, a few drops of hydrofluoric acid were added for better and instant 
effect. To get the best effect, always freshly prepared etching reagent was used. 

The etched samples were examined under an optical microscope, and photographs of 
each sample were taken. 

3.3 Electron Microscopy 

Cold-rolled sheets of sizes of sizes (20x20mm^) from all three alloys were initially 
thinned down by mechanical polishing using emery paper of 1/0 grade. Afterwards, they 
were thinned down by chemical polishing using a solution containing HNO 3 and HF. 
Then 3mm.diameter disk was cut out from them using a manual disk-puncturing 
machine. These were then further thinned down for electron transparency using a twin-jet 
electro-polishing unit. The usual voltage used for thinning was between 30 to 35 volts. A 
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Table 3.1 Chemical compositions of alloys in the present study (\^’t%) 


Alloy Detailed composition 



Nominal 

Composition 

Fe 

Co 

C 

S 

Si 

Cu 

Ni 

A 

Ni-30%Co 

- 

30.90 

0.006 

0.003 

0.03 

0.03 

Bal. 

B 

Ni-40%Co 

- 

41.05 

0.006 

0.004 

0.03 

0.03 

Bal. 

C 

Ni-60%Co 


60.50 

0.006 

0.004 

0.06 

0.03 

Bal. 
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mixture of Ethylene glycol and water was used as the coolant. The chemical composition 
of the electroKie used is given in Table 3.2. Ail TEM work was carried out in a JEOL 
JEM-2000FX microscope operating at 1 60 kV. 

3.4 Determination and Representation of Texture 

The samples used for textural measurement were electropolished using the same 
electrolyte used for electron microscopy and already given in Table 3.2. Texture 
measurement was done analyzing the Kikuchi patterns formed by back scattered 
electrons in a fully computer controlled SEM (Scanning Electron Microscope) for 
automated cr\'stal orientation mapping. Figure 3.1 shows a schematic view of the 
instrument used for this purpose. The Kikuchi patterns were taken from a large no. of 
closely spaced points in the sample. The Kikuchi patterns thus obtained are automatically 
compared with those kept in the memory of the computer and automatically indexed. The 
ODFs are subsequently generated by the computer transforming these dataset into three 
dimensional orientation space defined by the Euler's angle (p. (pi and (p; using the series 
expansion method of Bunge [9, 49-50]. 
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Table 3.2. Chemical composition of the electrolyte used in twin-jet polisher 


Compound Volume (%) 

Ethyl alcohol 70 

Ethyl mono butyl ether 1 0 

Perchloric acid 8 

Water 1 2 
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Figure 3.1 Fully Computer controlled SEM for automated cr>'Stal orientation 
mapping[Ref: R.A. Schwarzer, Micron, v. 28, n. 23, 256, (1997), 
Elsevier Science Ltd., UK]. 
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CHAPTER - 4 
RESULTS 


4.1 Optical Micrographs 

4.1.1 Startina Materials 

Optical micrographs of all the samples have been analyzed at 200X magnification 
and the micrographs have been given in Figure 4. 1.1.1 to Figure 4. 1.1. 9. Starting material 
of Ni-30Co shows distinct grain boundaries and presence of a few annealing twins 
(Figure 4. 1.1.1) at The grains are polygonal in nature. In case of Ni-40Co also annealing 
twins were observed (Figure 4.1. .1.2). In Ni-60Co alloy annealing twins were not 
revealed for starting material in optical micrographs as opposed to Ni-40Co and Ni-30Co 
starting material (Figure 4. 1.1. 3). 

4.1.2 20% Deformed materials 

Ni-30Co samples shows elongated grains at 20% rolling reduction in thickness in 
the direction of working (Figure 4. 1.2.1). Ni-40Co in 20% deformed condition revealed 
pronounced annealing twins (Figure 4.1. 2.2). Ni-60Co in 20% deformed condition also 
reveals some annealing twins (Figure 4. 1.2.3). 

4.1.3 35% Deformed Materials 

Ni-30Co samples in 35% deformed condition reveals very elongated grains in the 
direction of working and not much twins are observed at this stage (Figure 4. 1.3.1). 
Distinct annealing twins through the grain is observed in Ni-40Co samples in 35% 
deformed condition (Figure 4. 1.3.2). Ni-60Co samples at 35% deformation stage shows 
very pronounced grain elongation effect due to rolling reduction (Figure 4. 1 .3.3). 

4.2 Electron Microsco ^ 

4.2.1 Starting Materials 

TEM micrographs (Figure 4.2. 1.1 (a) and (b)) of the starting annealed material 
for the Ni-30Co alloy shows typically large grains, with some dislocations inside. There 
are a large number of bend contours also. 

Twins, sometimes quite large are an integral part of the microstructure of the 
starting material in the Ni-40Co alloys (Figure 4.2.1 .2). 
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Figure 4.1.1.1 Optical micrograph of Ni-30Co starting material. 



Figure 4. 1.1. 2 Optical micrograph of Ni-40Co starting material. 
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Figure 4.1.1.3 Optical micrograph of Ni-60Co starting material. 



Figure 4. 1.2.1 Optical micrograph of Ni-30Co in 20% deformed condition showing 
elongated grains. 
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Figure 4.1.2.3 Optical micrograph of Ni-60Co in 20% deformed condition. 




Figure 4.1.3.1 Optical micrograph of Ni-30Co in 35% deformed condition showing 
Elongated Grains 
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Figure 4.1. 3.3 Optical micrograph ofNi-60Co in 35% deformed condition showing 
elongated grains. 
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(a) BF X 36K 



(b)BFX15K 


Figure 4.2.1.1 TEM micrograph of Ni-30Co starting material 
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(a) BF X 30K 



(b) BFX30K 

Figure 4.2.1.2 TEM micrograph of Ni-40Co starting material 
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High density of large annealing twins within grains is observed in case of the 
starting material of Ni-60Co alloy. 

4.2.2 20% Deformed Material 

■ Ni-30Co alloy 

Typical TEM micrographs of the 20%deformed Ni-30Co alloy are shown 
in Figure 4.2.2. 1 (a) and (c) along with their SADPs. The foil plane has 
been identified in each case at the {110}. Some extra spots can be seen in 
the above two SADPs which might have come from twins also. But this 
could not be verified. 

■ Ni-40Co alloy 

A typical area of the Ni-40Co alloy is shown in Figure 4.2.2.2(a) along 
with the SADPs from the location A and B. The foil planes were 
identified as (110] and (122) on the locations A and B respectively. 

■ Ni-60Co alloy 

A typical TEM micrograph from the Ni-60Co alloy showing microbrands 
is presented in Figure 4.2.2.3(a). The SADPs from the different band 
elements show that the first plane in each case is {112} t\pe, only rotated 
from place to place by rotation around the <1 12> direction. Another foil 
from the same material shows some banded features with dislocations 
(Figure 4.2.2.4(a)). The foil plane from all the three plane have been 
identified, from the respective SADPs, as {110}. In fact the spot patterris 
are slightly rotated from one another by small rotations around <11 0> 
direction. The boundaries between A,B and C could thus be low angle 
boundaries. 

4.2.3 35% Deformed Material 

■ Ni-30Co alloy 

The typical areas from thin foils of the 35% deformed Ni-30Co alloy are 
shown in Figure 4.2.3. 1 along with their SADPs. While the S.ADP of the 
Figure 4.2.3.1(a) shows the {110) pattern with extra spots, presumably 
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(b) BF X 36K 


Figure 4.2.1.3 TEM micrograph of Ni-60Co starting material 
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(c) SADP of area ‘B’ [{122} pattern] 

Figure 4.2.2.2 TEM micrograph of Ni-40Co in 20% deformed condition 
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(a) BF X 45K 


(b) SADP of area ‘A’ [{112} 
pattern 


« 
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(c) SADP of area ‘B’ [{112 pattern] 


(d) SADP of area ‘C’ [{ 112 } 
pattern] 


(e) SADP of area ‘D’ [{112} pattern] 

Figure 4.2.23 TEM micrograph of Ni-60Co in 20% deformed condition 
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(a) SADP of area ‘B’ (d) SADP of area ‘C’ 

[{110} pattern] [{110} pattern] 

Figure 4 . 22.4 TEM micrograph of Ni-60C0 sample in 20% deformed condition 
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(a) BF X lOOK (b) SADP of whole (a) [{110} 

pattern with extra twin spots] 



(c) BF X 200K (d) SADP of whole (c) [{123} pattern] 

Figure 4.2.3.1 TEM micrograph of Ni-30Co in 35% deformed condition 
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from twins, the SADP from the 4.2.3.1(c) shows the {123} pattern. No 
attempt was made to identily the twin plane here. 

■ Ni-60Co alloy 

The 35/0 deformed material from the Ni-60Co alloy shows plenty of 
deformation twins. Normally these deformation twins are observed in 
bundles. Areas with deformation twins are shown typically in Figure 
4.2.3.2(a). The SADPs from different areas of Figure 4.2.3.2(a) are 
shown in Figure 4.2.3.2(b) to (e). The SADPs of aU the four areas 
confirm that the foil plane is (1 10} in each case. The SADPs from area C 
of Figure 4.2.3.2(a) has been carefully analyzed and the twin spots were 
identified. From this the twin axis has been found out to be [111]. An 
ideal SADP from a twin in f c.c. materials is shown in Appendix A2 for 
comparison. 

Figure 4.2.3.3(a) again shows a large bundle of thin deformation twins in 
this material. 

A third typical micrograph from the same alloy shows a bundle of 
deformation twins extended over a large region (Figure 4.2.3.4(a)). Again 
the twin axis has been identified as [1 1 1]. 

4.3 Crystallographic Texture 

The ODFs of all the three alloys under current investigation, at different stages of 
deformation, have been given in Figure 4.3. 1.1, Figure 4.3.2. 1 and Figure 4 .j.j. 1. The 
pole densities in the ODFs have been represented using different color codes. The 
locations of the Cu component and the Bs component have been marked in all the ODFs 
using different Symbols (Dfor Cu component and + for brass component.) 

4.3.1 Starting Material 

The starting material for all the three alloys show rather uniform pole densities 
through out the Euler space (Figure 4.3. 1.1). No distinct texture component can be 
observed in the ODF. In a way therefore the starting material can be considered as 
textureless. In particular, the pole densities at the exact Cu and B, locations are 
practically zero in all these three ODFs. 
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(a) BF X 30K (b) SADP of area ‘A’ [{110} pattern] 









m ' 


(c) SADP of area ‘B’ [{110} pattern] (d) SADP of area ‘C’ [{110} pattern] 



(e) SADP of area ‘D’ 

Figure 4.2.3.2 TEM micrograph of Ni-60Co in 35% deformed condition 
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(a) BF X 45K (b) SADP of area ‘A’ 


(c) SADP of area ‘B’ 

Figure 4.2,3.3 TEM micrograph of Ni-60Co in 35% deformed condition 
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(a) BF X 60K (b) S ADP of area ‘A’ in figure (a) 

[{110} pattern] 



(c) SADP of area ‘B’ in figure (a) [{110} (d) SADP of area ‘C’ [{110} pattern] 

pattern with extra twin spot, 
twin axis is [HI] 


Figure 4.2.3.4 TEM micrograph of Ni-60Co in 35% deformed condition 
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(a) BF X 60K 


(b) SADP of area ‘A’ in figure (a) 
[{110} pattern] 




(c) SADP of area ‘B’ in figure (a) [{ 1 1 0} (d) SADP of area ‘C’ [{110} pattern] 

pattern with extra twin spot, 
twin axis is [111] 



Figure 4.2.3.4 TEM micrograph of Ni-60Co in 35% deformed condition 



Nickei-Cobolt alloys starting materials 



4.3.2 20% Deformed Material 

The ODFs of the three 20% deformed alloys are depicted in Figure 
4.3.2. 1. It is quite clear that in case of the NI-30Co alloy, even after this low 
deformation, some preferred orientation of the grain has occurred. In fact, the pole 
densities at the Cu locations (□) have intensified perceptibly, while hardly any 
change has occurred in the exact Bs location. At best some marginal increase in 
the intensity of the locations near the Bs can only be observed. 

In contrast to the above, there has been a marked increase in the pole 
density at the B., locations in the Ni-60Co alloy (Figure 4.3.2. 1) whereas there is 
no change in the pole density intensities at the Cu locations 

The behavior of the Ni-40Co alloy lies in between the above two 
extremes. The ODF of the Ni-40Co alloy practically does not show any change in 
features exliibited by the corresponding ODF of the starting material. 

4.3.3 35% Deformed Material 

The ODF of all the three alloys shows a big change after 35% rolling 
deformations (Figure 4.3.3. 1). The intensities of the pole density at the Cu 
locations show a marked increase in case of Ni-30Co alloy. In fact, it can be said 
that the Cu component has developed moderately strong in this alloy after 35% 
deformation. On the other hand there is only a marginal increase of the pole 
densit> at the B;, locations. 

In contrast to the behavior of Ni-30Co alloy, the ODF of the Ni-60Co alloy shows 
a sharp increase in the intensity of the pole density at the Bs locations (Figure 
4.3.3. 1 ) whereas the intensity of the pole density at the Cu locations can be said to 
be onl\ very marginal. 

.As in the case of the 20% deformed material, after 35% rolling 
deformation also, the behavior of the Ni-40Co alloy lies in between those of Ni- 
30Co and Ni-60Co alloy (Figure 4.3.3.1). In this case the intensities of the pole 
densit\' at both Cu and Bs locations have perceptibly improved. The pole densities 
at both these locations show higher intensities, as compared to the 20 /o deformed 
sample of the same material. However, intensities at neither the Cu nor Bs 
locations, in the allo}', can match with the higher intensit\ values obtained in th 
Cu positions for the Ni-30Co alloy and in the Bs position for the N1-6OC0 allo> . 
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Nickei-Cobolt alloys after 20% deformation 



Figure 4.3.2. 1 ODF of three Ni-Co alloys at 20% deformation level. 



Nickel-Cobolt alloys after 35% deformation 



igure 4.3.3. 1 ODF of three Ni-Co alloys at 35% deformation level. 



The gradual development of crystallographic textures in the three 
experimental alloys, as a function of the level of cold deformation, is depicted in 
Figures 4.3.4. 1 to Figure 4.3.4.3. It is quite clear from these diagrams that a pure 
metal type (or Cu type) deformation texture is produced in the Ni-30Co alloy after 
a total deformation of 35%, whereas an alloying type (or a brass type) texture is 
produced in the Ni-60Co alloy. The deformation texture produced in the Ni-40Co 
alloy is of much lower overall strength and it has characteristic of both pure metal 
type and alloy type texture. 

4.3.5 Micro structure Obtained by Orientation Imaging Mapping (OIM) 

A typical microstructure, obtained by the OIM, from the Ni-60Co alloy 
after 35% cold rolling, is presented in Figure 4.3 .5.1. The different color codes 
used in this micrograph refer to the different crystallographic orientations of the 
grains. Thus an OIM microstructure incorporates the information regarding the 
nature of the micro structures as obtained by optical microscopy and, at the same 
time, gives an idea about the crystallographic orientations of the respective grains. 
Thus a wealth of information may be obtained from them. The totality of the 
crystallographic orientation of the grains can be represented in the form of ODFs, 
which have been shown above. 
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development of texture 



Nickel.30% Cobolt 


Figure 4. 3. 4.2 Gradual development of texture in Ni-40Co alloy. 
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CHAPTER - 5 
DISCUSSION 


The present work was undertaken to test a commonly accepted theory regarding 
the deformation texture development in f.c.c. materials of low stacking fault energy, such 
as a-brass. It is knovm that high and medium stacking fault energy materials, such as A1 
and Cu, show a pure metal (or Cu) type deformation texture, characterized by the Cu 
{112}<111>, Bs {110}<112> and S{123}<634> components. By contrast the low 
stacking fault energy materials like Cu-30%Zn alloy exhibit an alloy (or a-brass) type 
deformation texture characterized predominantly by the Bs {110}<112^ component. 
Although a number of theories have been suggested to explain this transition of 
deformation texture as a function of the SFE of fc.c. materials, the twinning hypothesis 
of Wassermann [46] is the most accepted one. According to this hypothesis, all f.c.c. 
metals and alloys irrespective of their SFEs start developing a pure metal t>pe 
deformation texture right from the beginning of the deformation process by normal slip 
on {111} planes. After a particular amount of deformation around 40-50%, Tw innin g 
becomes an additional mode of deformation, in case of low stacking fault energy f.c.c. 
materials only. On the other hand, high and medium stacking fault energy materials 
continue to deform by the slip process as before. On further deformation, as suggested by 
Wassermann out of three important component of pure metal type texture, the Cu 
{112}<111> is the one which is most amenable to twinning converts the {112)<111> 
component to {552}<115> orientation. Further deformation of this twin orientation will 
then take place on the favorable slip systems, which will rotate the twin orientation into 
the Goss {1 10}<1 12> by further rotation. As a result of this the volume fraction of the Bs 
component and not much of the Cu {1 12}<1 1 1>, which presumably has been converted 
into Bs {1 10}<1 12> component. 

A series of Ni-Co alloys having different values of SFE, from rather high to 
rather low, were examined by Ray [1] with a view to determine their crystallographic 
texture after a very hea\^’ amount (95%) of deformation. He observed a pure metal i\pe 
texture in a Ni-30Co aIlo>' and an alloy type texture in a Ni-60Co alloy while the le.xture 
of the Ni-40Co alloy exhibited the characteristic of both the types. The presence of 
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dcfoi Illation twins in the TEM micrograph of the heavily deformed Ni-60Co alloy and 
their absence in the Ni-30Co alloy was considered by him to be the main reason behind 
the texture transition from alloy with lower Co (30%) to the alloy with high Co (60%) 
content. This observation coupled with the presence of twinned Cu component 
{552}<115> in the deformation texture of heavily deformed Ni-60Co alloy, gave 
credence to the theory proposed by Wassermann to explain texture transition in f.c.c. 
materials as a function of their SFE. 

There have been several objections to Wassermann’s hypothesis. In order to 
convert the entire volume fraction Cu {1 12}<1 1 1> oriented material to Bs {1 10}<1 12>, 
an enormous amount of twinning activity is needed. In foct the volume fraction of the 
twinned material observed by various workers [51,52] in their TEM studies was never 
very high. This prompted some criticism of Wassermann’s h3^othesis. In fact Leffers 
[52] has suggested for a long time that the differences in deformation texture of high and 
low stacking fault energy materials could be starting right from the ver\' early stages of 
deformation process, and not at a latter stage as proposed by Wassermann. Hirsch and 
Liicke extensively studied the deformation texture development in Cu-Zn alloy, having 
SFEs varying from 55mJ/m^ (for pure Cu) to 12mJ/m" (for Cu-30%Zn alloy) The SFE of 
pure Ni is ~130Mj/m^ and this comes down to ~ 13mJ/m^ for an alloy of Ni-60Co. Hirsch 
and Liicke, in their work on Cu-Zn system observed that in the initial stage of cold 
rolling, upto 40-45% reduction, the texture development is rather similar in pure Cu and 
Cu-30%Zn alloy. Beyond that deformation level, the texture in the two materials started 
changing, producing the pure metal type texture in pure Cu and alloy tjpe texture in Cu- 
30%Zn alloy. 

In the present work, deformation texture development in the three Ni-Co alloys, 
having different SFEs, has been monitored at rather low levels of deformation of 20% 
and 35%. The idea was to verify' Wassermann’s hypothesis in the Ni-Co system. Since 
the NI-6OC0 has an SFE of~13mJ/m% whereas a Cu-30%Zn alloy, studied by Hirsch and 
Lucke has an SFE of~12mJ/m^ it was thought that a good comparison between this two 
alloys could be made considering the sequence of deformation texture development in 
them. 

The present work has clearly shown that the course of deformation texture 
development in the Ni-30Co and Ni-60Co alloys are very different from each other. Right 
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from the early stages of deformation (20% reduction), the pole density shows a 
perceptible increase at the Cu positions in the Ni-30Co and at the Bj position in the Ni- 
60Co (Figure 4. 3. 4. 3). Even at this low deformation level no Cu component forms in the 
Ni-60Co alloy thus ruling out the present the idea that the Cu component forms at the 
very beginning of deformation in fc.c. materials of any stacking fault energy. With the 
increase in the level of deformation (say 35% deformation), the Bs component intensifies 
in the Ni-60Co alloy. This kind of behavior of the Ni-60Co alloy (SFE of ~13mJ/m^) is 
totally different from the Cu-30%Zn alloy (SFE of ~12mJ/m^) having almost the same 
SFE. In the latter system substantial amount of Cu component forms at the initial stage of 
deformation and then it is supposed to go to the Bs position by twinning 

Although bundles of deformation twins have been observed in the thin foils of 
both 20% and 35% deformed Ni-60Co alloy, their total volume fraction does not appear 
to be very high. Not only that, no Cu twin oriented component could be seen in the ODF 
of the Ni-60Co alloy at all. Thus, even if Wassermann's hypothesis may hold good for 
the Ni-30%Zn alloy, the same can’t be said to explain the deformation behavior of the 
Ni-60Co alloy, having similar SFE. 

The Ni-30Co alloy, from the very beginning of deformation, shows the 
development of the Cu component and hardly any Bs. With increasing deformation level 
the Cu component intensifies substantially. This is similar to behavior of any high or 
medium SFE fc.c. material like Cu or A1 etc. Evidently the deformation texture develops 
in this material by the process of slip only, as no deformation twins could be found in the 
deformed electron micro structures. 

The deformation behavior of the Ni-40Co alloy appears to lie between those of 
other two alloys, in the sense that both sip and twinning may be responsible for the 
deformation process. In fact here neither Cu nor Bs component develops to any 
significant level after low levels of deformation such as 20% and o5%. In that respect Ni- 
40Co alloy can really be considered as having a transition composition, dividing to 
distinct regimes of deformation texture development in the Ni-Co alloys. 
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CHAPTER - 6 
CONCLUSIONS 


1. Gradual transition of deformation texture from pure metal (Cu type) type to 
alloy type (a-brass) type occurs in Ni-30Co alloy system depending on the 
SFE of the alloys. 

2. High SFE Ni-30Co develops a Cu component in its deformation texture while 
low SFE Ni-60Co alloy develops a strong brass component after a rolling 
reduction of 20%. The intensities of these components in the respective alloys 
increases after a rolling reduction of 35%. Weak Cu and Bj components 
develop in the Ni-40Co alloy after 20% and 35% deformation. 

3. No distinct Cu component forms in the Ni-60Co alloy at all after 20% and 
35% rolling reduction 

4. Absence of the Cu type orientation in the Ni-60Co alloy at early stages of 
deformation suggests that the ‘twin hypothesis’ of Wasserman may not be true 

in aU the cases. 
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Figure A1 The six most densely populated reciprocal lattice planes for the f.c.c. crystals 




Figure A2 Plotting the twin spots (open circles) due to twinning about an axis lying in the plane 
of the diffraction pattern. Example shows a f.c.c. (110) pattern with [111] twin axis. 



